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Density functional theory (DFT) 
a b s t r a c t 
The prevalent hardening phase forming in an Al-Cu-Mg-Ag alloy after peak-aging at 150 and 190 °C has 
been investigated using transmission electron microscopy methods. The precipitate atomic structure was 
determined. It is a hybrid precipitate (HP) with plate morphology on {111} Al planes, consisting of or- 
thorhombic and hexagonal structural fragments. Density functional theory calculations suggest that the 
hybridization reduces structural incompatibility of the HP plates with the Al matrix at the broad interfa- 
cial boundaries. Incorporation of Cu, Mg and Ag in the bulk HP structure reduces its formation enthalpy. 








































Al-Cu-Mg-Ag alloys are heat-treatable. They exhibit good creep 
esistance and fracture toughness due to the formation of strength- 
ning precipitates having high resistance to coarsening at elevated 
emperatures [1–3] . Addition of Mg and Ag to Al-Cu alloys leads to 
 uniform distribution of disperse, plate-like precipitates called ‘ ’, 
ith habit plane {111} Al . 
For the -phase, several nucleation mechanisms have been pro- 
osed [4–6] . These include a precursor phase, such as ’ [ 4 , 5 ], as
ell as stacking faults arising as a consequence of the Mg and Ag 
dditions [6] . A recent atom probe tomography study [7] has indi- 
ated that Ag and Mg co-clusters act as heterogeneous nucleation 
ites for the  phase: During the initial stage of aging, if such co- 
lusters also contain Cu, Guinier-Preston (GP) zones will form on 
111} Al planes. A following migration of Ag and Mg to the main 
late interfaces correlates with the formation of well-defined 
late. A review of literature was unable to find evidence for alter- 
ative intermediate phases responsible for nucleating the -phase 
n Al-Cu-Mg-Ag alloys. 
Investigation of the plate-like precipitate formation is interest- 
ng since the transformation strains during nucleation of  phase 
an be associated both with a significant shear component (pre- ∗ Corresponding author. 




359-6462/© 2020 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved. icted by Aaronson et al. [8] and Nie et al. [9] ), as well as with
nrelaxed misfit strains normal to the main plate interfaces [3] . 
hus, strain accommodation mechanisms play an important role in 
ontrolling both nucleation and growth of these plate-like precip- 
tates. To clarify this, improved understanding of the  structure 
nd coherency with Al is required. In this work, we show that a 
nique hybrid precipitate (HP) is important for the alloy strength. 
e find that the corresponding atomic structure can be described 
n terms of two structural fragments. This is supported by calcula- 
ions. 
An aluminum alloy with the chemical composition Al-4.5Cu- 
.56Mg-0.77Ag-0.42Mn-0.12Ti-0.05V-0.02Fe (wt. %) was prepared 
sing a direct-chill, semi-continuous casting process [10] . The sam- 
les were given a solution heat treatment at 510 °C for 1 hour, fol- 
owed by quenching in water. The samples were aged at 150 °C or 
90 °C for different times. 
Foils for transmission electron microscopy (TEM) were prepared 
sing conventional methods [11] and studied in two microscopes 
perated at 200 kV: a JEOL JEM-2100F and a JEOL ARM-200F, the 
atter being double aberration corrected. The TEM settings given in 
able S1 were used for acquisition of STEM images [12] . 
To refine atom positions and calculate total formation en- 
halpies for the models suggested, density functional theory (DFT) 
alculations [13] were performed at 0 K within the projected aug- 
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Table 1 
The {111}Al plates with different thicknesses analyzed by TEM. 
Aging 
state 
Plate thickness, in terms of θ unit cells ( c θ = 0.848 nm) 
0.5 1 1.5 2 2.5 3 3.5 4 
150 °C for 24 h 12 33 (33 ∗) - 1 2 0 1 - 
190 °C for 1.5 h 15 40 (35 ∗) 3 5 4 - - - 





















































Fig. 1. STEM images representing a typical precipitate microstructure in the alloy 

























ented wave (PAW) formalism [14] , generalized gradient approx- 
mation of Perdew-Burke-Ernzerhof functional [15] using the Vi- 
nna ab initio simulation package (VASP) [16] and SIMAN package 
17] . The key parameters are given in Table S2. Relaxation of the 
tom positions ( p ) but also full ( f ) relaxations (of atom position,
ell geometry and volume) were carried out to refine the models. 
he p and f relaxations represent two idealized cases: the precipi- 
ate/matrix interaction with ‘stiff’ and ‘weak’ matrices, respectively. 
he calculations help to estimate the hypothetical interval for the 
recipitate formation energies. The Al lattice volume was used as 
 reference. 
The initial model was based on an orthorhombic unit cell and 
orphology. The z axis was selected as normal to the {111} Al habit 
lane. The thickness spans 15 {111} Al planes. This prevents fault 
ormation in the ABC stacking of the Al matrix, since VASP depends 
n a periodic repetition of the calculation cell. The approach treats 
he plates as thin and infinite 2D structures growing on {111} Al , pe- 
iodically separated by eight {111} Al planes. The formation enthalpy 
s given as E f = E T −
∑ 
μx ηx . Here E T is the total energy of the HP
odel. μX is the chemical potential (cf. Table S3), i.e. the energy 
hen considered as the only solute atom in a similar Al volume. n x 
epresents the number of atoms of element ‘ x ’ (Al, Cu, Mg or Ag) in
he model calculation cell, respectively. Frozen phonon multi-slice 
imulations were carried out using the MULTEM software and the 
on-relativistic scattering potentials modified by Lobato et. al. [18–
0] . 
In accordance with the hardness curves given for the aging 
t 150 °C and 190 °C [10] the peak-aging times 1.5 h and 24
 were selected for the TEM analysis, respectively. Close exami- 
ation of the TEM images revealed two types of plate-like pre- 
ipitates, which could be categorized by habit planes {111} Al and 
001} Al . Fig. 1 gives an example of the {111} Al plates seen in a
 211 > Al zone axis. The minor fraction of the {100} Al plates identi- 
ed as the θ ’-phase form chains along the dislocation lines [ 1 , 2 , 21 ].
hey were found in the alloy at both ageing temperatures but are 
ot shown here. For both peak-aging conditions, the precipitates 
ith {111} Al habit planes were identified as the main strengthen- 
ng agents. Comparing Figs. 1 a and b, it was found that aging at
90 °C produces a more bimodal plate diameter distribution than 
t 150 °C, i.e. a combined fraction of coarse plates with a fraction 
f smaller plates with a narrow diameter (Figs. S1a and b in Sup- 
lementary Materials). The small plates at 190 °C have diameters 
omparable with the average one at 150 °C. The main difference 
etween these two conditions is a three times higher precipitate 
umber density at 150 °C compared to 190 °C. 
Careful analysis of the {111} Al plates revealed that the majority 
f the plates had a thickness around 0.85 nm (comparable with 
 c θ ) as seen in Table 1 . The most prominent feature is that the
lates with this nominal thickness were found to be hybrid, com- 
rising two inter-grown phase fragments. The plates with other 
hicknesses had non-hybrid structures. 
Several structural features of the HPs can be identified in the 
 110 > Al and < 211 > Al projections, as shown in Figs. 2 a–d. Firstly,
he projected Cu columns form a sub-lattice that demonstrates dif- 
erence in shape/size of the inter-grown phase fragments (rectan- 
ular ( θ ) / rhombic ( η) cells marked by yellow lines and circles in2 igs. 2 b and e). Secondly, there are distinct differences in atomic 
rrangement between the (here horizontal) layers of Cu-columns 
hen comparing the two fragments. Thirdly, the amount of Cu in 
he layers near the middle (Cu m ) and at the interface (Cu i ) in the
-type fragments varies, as seen in Fig. 2 b. Additionally, the con- 
entration of Cu in Cu m and Cu i layers in the HPs are more sim- 
lar than in the non-hybrid {111} Al plates, as shown for precipi- 
ates of three thicknesses in Fig. 2 e. A ~10% difference reduction 
n cell/layer thickness of η as compared to θ was estimated in the 
ame HPs ( Fig. 2 b and d). Finally, integrated image intensity pro- 
les of the HP {111} Al planes, indicate that that heavy elements like 
u and Ag can occupy additional sites in the Cu m layers ( Figs. 2 b
nd d), as compared to the non-hybrid {111} Al plates ( Figs. 2 e and
2b). The intensity profiles of the {211} Al projections for the non- 
ybrid plates suggest there are fewer or no extra atoms in intersti- 
ial sites of the Cu m layers ( Fig. 2 e), as compared to the Cu m layers
22] within the HPs ( Figs. 2 b and d). 
The rectangular phase fragment in Fig. 2 b is an orthorhombic 
uilding block for the non-HPs ( Fig. 2 e). This orthorhombic frag- 
ent represents the generally accepted structure of the Ω -phase 
ell [3,4,6,22–26] having dimensions a = 4.96 Å, b = 8.56 Å, c 
 8.48 Å and space group Fmmm [23] . This Ω structure is closely 
onnected to the equilibrium θ-Al 2 Cu phase ( I4/mcm ) in the Al-Cu 
lloys [26] . 
Except for the θ-type fragment, a literature survey of precipi- 
ate phases in other Al-based alloys showed that the structure of 
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Fig. 2. STEM images showing the hybrid (a–d) and non-hybrid {111} Al plates (e). Fast Fourier transform (FFT) filtering was applied (in b, d, and e) to reduce noise with a 
periodicity shorter than ~0.05 nm. For each image, fast and slow scanning directions are marked as ’fs’ and ’ss’, respectively. Non-uniform oscillation of the atomic column 
intensity along the interface, as indicated by orange arrows, can be evidence of the difference in chemistry between the atom columns. 
Fig. 3. The models including the HP (a); simulated (b) and experimental denoised STEM images (c). The projection scale was reduced by a factor of 0.5 in [2-1-1] Al . 12 
variants of the HP with substitution of the Al atoms in sites #1 – #4 by Cu, Mg and Ag have been checked to find the energetically favorable one ( Tables 2 and S4). In STEM 
image simulations, the elastic electron scattering factors were parameterized as in [20] . The same Debye-Waller factor of 0.5 Å -2 was chosen for Al, Cu, Mg and Ag. The 
sample thicknesses were the same as respective sizes of the DFT model (~10 Å for {110} Al and {211} Al projections). The electron probe parameters (spot size, convergence 
and collection semi-angles, etc.) were set in the MULTEM software as in our TEM experiments. 
3 
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Table 2 
Formation enthalpies ( E f ) for the models, including the non-hybrid (mod. 1) and hybrid {111} Al precipitate models. After atom 
position ( p ) and full ( f ) relaxations, the HP models tended to transform to the non-HPs. Direct ( D ) transformation from the η- 
to θ-type fragments ( η→ θ ) are marked. The full table is given in Supplementary Materials (Table S4). The precipitate misfit in 
[111] Al was calculated as ε c = ( t − N d 111 ) /N d 111 , where t is the distance between the Cu i layers in the models, d 111 is the spacing 
between the {111} Al layers measured in the bulk Al matrix; N is the number of the {111} Al layers, thickness of which closely 
matches the thickness of the phase fragments. The volume incompatibility between the Al matrix and precipitate in {111} Al was 
calculated as ε p = (S f − S Al ) /S Al , where S f and S Al are the cross-section areas for the models after f relaxation and the reference 
{111} Al plane, respectively. 
Model n Relaxation E f , eV 
Sites in the HP 
Transformation εc in [111] Al , % εp in {111} Al , % 
#1 #2 #3 #4 
Non-hybrid {111} Al plates entirely comprising of the θ -type fragments before relaxation 
1 p −9.96 - - - - - −7.8 1.4 
f −12.85 - - - - - −7.9 
Hybrid {111} Al plates comprising of the θ - and η-type fragments before relaxation 
2 p −11.32 Al Al Al Al D −8.9 1.5 
f −13.01 Al Al Al Al D −8.9 
9 p −12.46 Al Al Al Mg D −5.3 1.3 
f −13.42 Al Al Al Mg D −4.8 
10 p −11.92 Cu Al Al Mg - −8.0 0.9 





























Fig. 4. Formation enthalpies for the suggested models. Cyan and red rectangles, 
and dashed lines and dotted lines in these rectangles refer to the models including 























he unknown fragment with rhombic appearance ( Fig. 2 b) is simi- 
ar to the hexagonal η-type phase ( P6 3 / mmc , MgZn 2 ). The possible
ormation of a hexagonal phase in Al-Cu-Mg-Ag alloys has already 
een predicted [23] . 
The following presumptions were used to construct the struc- 
ural models of the HPs embedded in the Al matrix, in order to 
nvestigate the energetics ( Fig. 3 ): 
a) The Ag 2 Mg and Cu i layers [22] , appearing as hexagonal arrange- 
ments in {111} Al projections ( Fig. 3 a), were used to model the 
broad η/Al and θ /Al interfaces. 
b) Similar Cu arrangements were assumed for the Cu i and Cu m 
layers [22] . For the hybrid {111} Al plates the Cu m layer was 
interpreted as additionally enriched by Cu and Ag ( Fig. 2 b) in 
comparison with the Cu m layers in the orthorhombic θ-phase, 
where only Cu atoms can be found ( Fig. 2 e) [22] . 
c) The atomic structure of the equilibrium η-phase (MgZn 2 ) in 
aged Al-Zn-Mg alloys [27–30] was used as template to con- 
struct the η-type fragment of the HP ( Fig. 3 ) with Cu and Al
atoms substitutingZn and Mg, respectively. 
Two categories of plates were constructed to compare the en- 
rgies of atomic configurations for the HP. The first category con- 
erns the non-HP, fully comprised of θ-type fragments before re- 
axations (cf. mod. 1, Tables 2 and S4). For the second category, the 
Ps initially included the η- and θ-type phase fragments before 
elaxations (models 2-12, Tables 2 and S4). However, some mod- 
ls using only Al and Cu in the θ- and η-type fragments, which 
nitially were suggested as HP structures, were found to transform 
tructurally to non-HP, which signifies instability. For this reason, 
he HP stabilization was checked also by substituting Al in the bulk 
tructure. Another reason that substitution should be tested, is that 
races of Mg, Ag and Cu have previously been reported in plate- 
haped precipitates habiting {111} Al planes in Al-Cu-Mg-Ag alloys 
uring the early aging stages [7] . 
From Table 2 can be seen that refinement of atom positions ( p ) 
f the models gives favorable energies, and that full relaxation of 
eometry ( f ) gives a further improvement. The relaxations caused 
undamentally different atom displacements in the non-HP model 
comprised of θ-type fragments before relaxation - model 1 from 
ables 2 and S4, Fig. S2) compared to the HP model (with the η- 
nd θ-type phase fragments - model 2 from Tables 2 and S4, Fig. 
3). For model 1 the atom displacements led to minor column dis- 
ortions relative to the Al matrix and the orthorhombic θ-phase 4 Fig. S2). For the model 2 it led to transformation to non-HP struc- 
ures based on model 1 (Fig. S3). 
DFT calculations ( Fig. 4 , Tables 2 and S4) show that the non-HP 
btained after p and f relaxation of model 2 (starting with the HP 
onfiguration) has lower formation enthalpy compared to the non- 
P model 1 ( Fig. 4 , Table 2 ). The lower enthalpy correlates with a
arger cooperative atom displacement in the {111} Al planes in the 
on-HP model 1 (~0.12-0.15 nm, in Fig. S2) compared to the HP 
odel 2 (~0.05 nm, Fig. S3c). It is obvious that atom orderings in 
he Ag 2 Mg interface layers of the plates with the thickness about 
ne θ unit cell should be similar to each other and correspond to 
he A stacking of the fcc matrix as shown in Figs. S2b and S3, in
rder to reduce the precipitate formation enthalpy ( E f ). E f includes 
 shear strain field energy ( E S ) caused by the structural incompat- 
bility at the broad precipitate/Al interfaces [ 8 , 9 ] and the volumet- 
ic strain energy due to the precipitate volume inconsistency with 
he Al matrix in the [111] Al directions ( εc ) [3] and with the {111} Al 
lanes ( εp given in Tables 2 and S4). Consequently, several strain 
ccommodation mechanisms as well as their superposition are im- 
ortant for reducing E f . It should be noted that the shear itself 
hould not change the misfit strain in [111] Al , but this unrelaxed 
isfit can promote a change in E , which is inversely proportional S 






























































































[  o the interplane spacing ( E S ~1/ d 111 ) [31] . Thus, the thicker plates
ave larger unrelaxed misfits which help to effectively reduce E S 
nd suppress the formation of the η-type fragment. Meanwhile, 
he plates with the thickness of 0.5 c θ does not have the η-type 
tructure because of the unstable chemistry of the precipitates as 
ell as. their bulk and interface structures, at the early nucleation 
tage, slightly different from the orthorhombic θ lattice and the 
g 2 Mg and Cu i layer arrangements suggested in [22] and used in 
ur calculations. 
Using direct measurements of the distances between the Cu i 
ayers in experimental ADF-STEM images, εc was calculated to be 
.5 ±1.0% for the non-HP and 4.2 ±1.2% for the HP. It is seen that
c for the non-HP is significantly lower than the 9.3% misfit eval- 
ated on the basis of lattice parameters alone [ 25 , 32 , 33 ]. This in-
onsistency may support the observations that solutes with larger 
tomic size like Mg enter the precipitate structure in order to re- 
uce misfit strains [7] . It is seen from our DFT calculations that for
he non-HPs containing Mg, E f values are lower for all the mod- 
ls including the non-HPs with Al and Cu (model 9 after p and f 
elaxations in Fig. 4 , Table S4). 
The εc values measured after DFT calculations were also esti- 
ated to be in the range from 4.8% to 8.9% for the most energet-
cally favorable non-HP model 9 (with Mg) and the non-HP model 
 after f relaxation, respectively, and 7 % for the HP model 10. It 
eems that this large difference in εc from the values measured 
n experimental ADF-STEM images may also be caused by solute 
egregations within the bulk structure and the broad interfaces . 
n the latter case, note the substitution of Ag at the broad plate 
nterfaces as marked in Figs. 2 b and d. 
Among all the HP configurations checked in the present study, 
odel 10 refined to the lowest E f , within the range of E f values for
he non-HPs containing Al and Cu. This model was used to simu- 
ate the ADF-STEM images. It can be seen that the simulated atom 
olumn distributions and intensities compare well with the exper- 
mental images, i.e. in Figs. 3 b and c, respectively, which lends 
trong support to the HP model 10. 
It is interesting that for all models of HP and non-HPs (for both 
 and f relaxations), the Mg and Ag atoms in the Ag 2 Mg layers,
s well as the Cu atoms in the Cu i layers at the main interfaces
eep an energetically favorable hexagonal symmetry in the {111} Al 
rojection. This was previously shown in [22] . Note also that the 
ain {111} Al plate/Al interface configuration is isostructural to that 
f η’ precipitates in Al-Zn-Mg alloys [30] and the T1 phase in 
l-Cu-Li alloys [34] . In fact, the HP structure with interface, as 
hown in Fig. 2 b and the model ( Fig. 3 a) are isostructural with
ype 1 η’ plate found in Al-Mg-Zn alloys [30] . The η-type fragment 
s marked here is structurally related to the Mg 4 Zn 7 monoclinic 
hase in Mg-Zn(-Y) alloys [35] . 
In conclusion, this study has shown that a unique type of hy- 
rid precipitate acts as the main strengthening agent in peak- 
ged Al-Cu-Mg-Ag alloys. Formation of these precipitates is inter- 
reted as a consequence of a structural incompatibility between 
he Al matrix and the pure θ-phase structure. Using DFT calcu- 
ations, an energetically favorable hybrid precipitate structure was 
ound. Incorporations of Cu, Mg and Ag were necessary to stabilize 
ts structure embedded in the Al matrix. A good match between 
he experimental and simulated ADF-STEM images supports the 
odel. 
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